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ABSTRACT: The deformation and recovery behavior of
several polyethylenes and ethylene-based copolymers with
various molecular architectures and a broad range of molec-
ular masses and molecular mass distributions was studied.
Because of the differences in the molecular characteristic,
this series exhibited a relatively broad range of crystallite
sizes and crystallinity levels. The samples were subjected to
high strain compression under plane-strain conditions at the
elevated temperature of 808C. The unloading of the com-
pressed samples led to substantial nonelastic recovery of the
strain. The stress–strain and recovery behavior was related
to the molecular parameters. The results confirmed the com-
mon deformation scheme with four crossover points related
to the activation of subsequent deformation mechanisms, as

proposed by Strobl. Although the critical strains, related to
the activation of deformation of the crystalline component,
are invariant, the critical strain of the last point, which is
related to the activation of chain disentanglement in the
amorphous component, depends on the temperature of de-
formation. That critical strain decreases from 1.0 to approxi-
mately 0.8–0.9 as the temperature of deformation increases
from room temperature to 808C. This shift results from an
increase in the chain mobility with increasing temperature,
and this makes modification of the molecular network
through chain disentanglements easier. � 2007 Wiley Periodi-
cals, Inc. J Appl Polym Sci 105: 14–24, 2007
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INTRODUCTION

In two recent articles,1,2 we reported studies of the
deformation in plane-strain compression1 and post-
loading recovery behavior2 of series of various poly-
ethylenes and ethylene-based copolymers covering a
broad range of chain architecture, molecular weights,
and crystalline structures. The results allowed us to
extend the validity of the deformation scheme pro-
posed recently by Strobl and coworkers3–8 for ten-
sion toward deformation in compression. The crucial
role of the molecular network within the amorphous
phase and the influence of its properties on the de-
formation behavior were also demonstrated.1,2

The main characteristic of the deformation scheme
proposed by Strobl et al.3 is that the deformation is con-
trolled by the strain rather than the stress. Along the
true-stress/true-strain curves, four characteristic
points have been identified and ascribed to the activa-
tion of subsequent deformation mechanisms: (A) iso-

lated and (B) collective crystallographic slip, giving
rise to the yield point, (C) crystal fragmentation/fibril-
lation, and (D) disentanglement of chains in the amor-
phous component. The critical strains at which these
points are located are practically invariant with respect
to the strain rate and drawing temperature,4,7 as well
as the crystallinity of a polymer.1–3,5,7 In contrast, the
corresponding stresses vary significantly with the crys-
tallinity and with the strain rate or temperature.3,4,7

From a global point of view, the deformation of a semi-
crystalline polymer may be considered the stretching
of a macromolecular network in which entanglements
and crystallites act as physical junctions. Crystallites
experience textural transformations according to crys-
tallographic mechanisms in parallel with the network
stretching. However, these transformations do not
impede the deformation processes in amorphous
layers. Upon deformation, the load is transmitted by
crystallites and the molecular network of the amor-
phous regions, yet the respective weights change with
the advance of the deformation process.3 The network
forces, initially low, become dominant over those asso-
ciated with the plastic deformation of crystals at high
strain. The crossover point seems to be point C of the
deformation scheme, around the true strain of 0.6–0.7,3

at which the stresses generated in the stretched net-
work of amorphous chains become high enough to
trigger fragmentation of adjacent crystallites.2,3

The deformation of crystals through various crys-
tallographic mechanisms is permanent, whereas that
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of the rubbery amorphous component appears at
least partially reversible. To produce a really irre-
versible deformation of polyethylene, it is necessary
to deform it to a strain above 1.02,3 (point D of Strobl
et al.’s scheme).3 At this strain, chains in the amor-
phous network start to disentangle. This leads to the
permanent, irreversible deformation of the amor-
phous component in addition to irreversible plastic
deformation of the crystalline component, and conse-
quently, the memory of the undeformed macrostate
of the material is lost.

Strobl and coworkers4,7 postulated an invariance
of the critical strains of the proposed deformation
scheme with respect to the deformation rate and
temperature. Taking that into account, we decided to
limit our first experiments1,2 to a single temperature
(room temperature) and deformation rate. In what
follows, we describe the results of a supplementary
study of deformation at an elevated temperature.
The temperature of 808C was chosen as the deformation
temperature. At this temperature, the a-relaxation pro-
cess of polyethylene is already well advanced, whereas
the melting point is still far enough away. Similarly to
the previous study,1,2 the deformation was produced by
plane-strain compression; this mode is advantageous
over other modes because the deformation is homoge-
neous with no instabilities, such as necking, frequently
observed in tension. Moreover, the cavitation is inhib-
ited in this deformation mode because of external con-
straints.1

The same set of polyethylene samples used in refs.
1 and 2, demonstrating similar morphologies yet very
different molecular characteristics and different levels
of overall crystallinity, was used in this investigation.

EXPERIMENTAL

Materials and sample preparation

The materials used in this study were samples of
several grades of commercial polyethylenes, includ-
ing linear high-density polyethylenes (HDPEs; code
H) of various molecular weights, ultrahigh-molecu-
lar-weight polyethylenes (UHMWPEs; code U), con-
ventional branched low-density polyethylenes (code
L) of different branching levels and molecular
weights, linear low-density polyethylenes (code LL),
and ethylene-based copolymers (i.e., ethylene–octene
elastomers; code E). These materials were the same
as those investigated in refs.1 and 2. Their character-
istics are presented in Table I.

The samples, in the form of 50 � 50 � 4 mm3

plates, were prepared by compression molding at
1908C (2308C for UHMWPE) and 50 atm. The com-
pressed plates were solidified by rapid cooling in an
iced water. Specimens of a size appropriate for par-
ticulate deformation experiments were machined
from the cores of these plates. All samples were pre-
pared according to the same thermal protocol to
obtain similar supermolecular structures in all mate-
rials. All, except UHMWPEs U-1 and U-2, exhibited
similar spherulitic morphologies.1 Their crystallin-
ities and long periods are listed in Table I.

Deformation and recovery experiments

Plane-strain-compression tests were performed with
the loading frame of an Instron model 5582 universal
tensile testing machine (Canton, MA) and a compres-
sion tool of the channel-die type, which was

TABLE I
Characteristics of the Polymers

Sample Manufacturer
Mw

(g/mol) Mw/Mn

Number of
branches

(1/1000C)

Melt flow
index

(g/10 min)a
Crystallinity

(wt %)b

Long
period
(nm)c

H-1 Quantum (Cincinnati, OH) 0.57 � 105 3.5 <0.1 6.7 72.7 23.5
H-2 BASF (Ludwigshafen, Germany) 0.76 � 105 4.4 <0.1 7 73.3 23.3
H-3 BASF 1.20 � 105 3.4 <5 2.3 62.6 22.2
H-4 BASF 1.83 � 105 7.2 <0.2 0.2 67.7 24.4
H-5 BASF 4.78 � 105 12.2 <3 — 60.9 26.0
U-1 Ticona (Kelsterbach, Germany) � 2 � 106 — 48.9 33.3
U-2 Ticona � 5.5 � 106 — 49.6 33.3
L-1 BASF 2.5 � 105 20 3.4 46.3 13.2
L-2 BASF 3.3 � 105 24 2.1 44.4 12.8
L-3 BASF 4.5 � 105 13.0 35 0.3 40.4 12.3
L-4 BASF 2.0 � 105 4.0 35 1.6 40.0 11.6
L-5 BASF 0.48 � 105 3.7 35 20 40.0 11.0
LL-1 Elenac (Ludwigshafen, Germany) 0.71 � 105 2.4 20d 2.5 43.0 13.9
LL-2 Elenac 0.92 � 105 4.0 20d 2.8 41.6 16.1
E-1 Exxon (Irving, TX) 0.82 � 105 3.7 33d 3 30.1 11.0

a At 2.16 kg and 1908C.
b Estimated on the basis of the heat of melting (DSC; see ref. 1).
c Estimated from small-angle scattering (see ref. 1).
d Number of short branches calculated from the molar content of the comonomer (13C-NMR).
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equipped with load and strain gauges as well as
heaters connected to the temperature controller. Two
compression tools of different sizes and geometries,
shown schematically in Figure 1, were used. The
dimensions of the specimens used in deep channel-
die compression [Fig. 1(a)] were 3.85 � 50 � 40 mm3

[along the constraint direction (CD), flow direction
(FD), and load direction (LD), respectively], whereas
those of the specimens compressed in a small die
[Fig. 1(b)] were 15 � 6 � 4 mm3 (CD � FD � LD).
Other details are given in ref. 1.

All deformation experiments were performed with
a constant speed of the crosshead of the loading
frame. For both specimen sizes, the speed of the
crosshead was set to give an initial deformation rate
of 5%/min (8.3 � 10�4 s�1). The temperature of de-
formation was kept at 80 6 18C. Each deformed
specimen after reaching the desired strain was im-
mediately unloaded and taken out from the die to

allow its unconstrained recovery under the ambient
conditions.

The postdeformation behavior was monitored by
measurements of the dimensions of the recovering
specimens. Their dimensions along FD, CD, and LD
were measured repeatedly with a digital micrometer
over a period of 6 weeks after unloading. The recov-
ered and remaining strain components were calcu-
lated from the measured changes of the specimen
dimensions.

In a separate experiment, the specimens, already
recovered at room temperature over a long period of
time (at least 6 weeks), were slowly heated in an oil
bath to the temperature selected from the range
between room temperature and a temperature
slightly below the melting point of the particular
polymer studied. Oil immersion was used to reduce
any external constraint during recovery. After 10 min
of annealing at a given temperature, the specimens
were cooled, their dimensions were measured, and
then the recovered and remaining strain components
were calculated.

Thermal properties

Thermal analysis of the samples was conducted with
a TA 2920 differential scanning calorimetry (DSC)
apparatus (thermal analysis) (Wilmington, DE). The
melting thermograms were recorded at a heating
rate of 108/min under a nitrogen flow. The crystal-
linity was estimated on the basis of the heat of melt-
ing of the sample; the heat of melting of 100% crys-
talline polyethylene was assumed to be 293 J/g.9

RESULTS AND DISCUSSION

Figure 2 presents the true-stress/true-strain curves
determined from the load–displacement data col-
lected during plane-strain compression at 808C in a
small die [Fig. 1(b)]. In the plane-strain-compression
test, the geometry employed here, the area of the
sample under load is constant and remains equal to
the cross-section area of the plunger. Therefore, the
true stress can be calculated readily from the load
data. Because the deformation is macroscopically ho-
mogeneous in the entire range of displacement, the
true strain can be calculated with the following
equation:

e ¼
Z h¼0

h¼ho

dh

h
¼ ln

h0

h

� �
¼ ln

h0

ho �4h

� �
(1)

where e is the true strain, h0 denotes the initial
height of the specimen, h ¼ h0 � Dh represents its

Figure 1 Deformation tools used for plane-strain com-
pression: (a) a deep channel die and (b) a small die. The
compressed sample is gray. In part b, the guidance system
is shown by a broken line.
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actual height, and Dh is the measured displacement
of the plunger. l ¼ h0/h is the compression ratio.

Figure 2(a) shows the true-stress/true-strain
curves determined for samples of linear polyethyl-
ene. These curves demonstrate the same features as
the curves obtained from the compression of the re-
spective polymers at room temperature, as discussed
in a previous article.1 We note again the dependence
of the yield point on the properties of the crystalline
phase. The stress at yield increases with increasing
crystallinity and thickness of the crystallites, as it
does at room temperature. At the same time, the
yield strain seems to remain invariant (point B of
Strobl et al.’s deformation scheme3). Soon after the
yielding, strain hardening sets in, initially being rela-
tively low and becoming very intense at strains

above 1.0–1.5. That strain hardening depends on the
molecular weight of the polymer: its onset shifts
apparently to a lower strain whereas the rate in-
creases with increasing molecular weight. This de-
pendence on the molecular weight is clear because
the weight-average molecular weight (Mw) increases
by 2 orders of magnitude within the discussed
series, whereas other parameters, including the am-
ount and properties of the crystalline phase, change
to a much lesser extent at the same time; for exam-
ple, the crystallinity of H-5 is only a few percent
lower than that of H-1. Although the yield stresses
determined at 808C are noticeably lower than those
observed in the respective samples at room tempera-
ture, the stresses generated during the strain-harden-
ing stage are equally high at both temperatures,
especially in samples of high molecular weights. The
strain hardening is controlled by the response of the
molecular network of entangled chains to increasing
strain.1,3,11–13 The observed dependence of on the
molecular weight reflects the properties of the mo-
lecular network, which change substantially with
increasing molecular weight1 and are less sensitive
to the deformation temperature.

The range of intense strain hardening moves to-
ward higher strains with an increase in the tempera-
ture of deformation. This tendency is much more pro-
nounced in samples of low molecular weight, in
which the rate of the hardening is also substantially
reduced at 808C in comparison with room tempera-
ture.1 This indicates that the compliance of the net-
work of relatively short chains increases faster with
increasing temperature than that of a network formed
by long chains. This can suggest that a molecular net-
work made up of short chains can relax through slip-
page of chains out of entanglements notably more
easily than a network of long chains, especially at
high temperatures of deformation. This hypothesis is
confirmed later by model calculations and the results
obtained from strain-recovery experiments.

Similar observations can be made for the stress–
strain behavior of branched polyethylenes and ethyl-
ene-based copolymers, as illustrated in Figure 2(b,c),
respectively. However, in contrast to linear polyethy-
lenes, which usually did not break even at very high
strains approaching 3, the samples of branched poly-
ethylene fractured in the range of true strains
slightly above 2 and at related stresses well below
200 MPa. Interestingly, the fracture of branched sam-
ples occurred at strains only a little higher than
those observed upon the fracture of the respective
material at room temperature. Apparently, the ulti-
mate properties of a more constrained network of
branched chains do not change with temperature as
much as the properties of networks of linear chains.

To find the deformation-induced changes in the
crystalline component, the crystallinity of samples

Figure 2 Representative true-stress/true-strain plots of
samples deformed by plane-strain compression at 808C:
(a) linear polyethylenes, (b) branched polyethylenes, and
(c) ethylene-based copolymers. In parts b and c, the curve
of linear HDPE sample H-2 was added as a reference
(dotted line).
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deformed to a true strain around 2 was determined
by DSC. For reference, specimens of unoriented ma-
terial of the same thermal history, that is, specimens
annealed at the deformation temperature of 808C for
a time similar to the duration of the compression
experiment, were also investigated. Table II presents
the results. These data demonstrate a small increase
in the melting temperature in all deformed samples,
whereas their crystallinities slightly decrease in com-
parison with those of the undeformed counterparts.
The increase in the melting temperature reflects an
increasing average length of the crystalline stem,
which thus increases the average thickness of the
lamellae. Such changes in the crystalline component
result from fragmentation and partial destruction of
the lamellar structure, occurring at a strain near 0.6
and above.1–4,13 The partial destruction of lamellae
leads to a reduction of the overall crystallinity. On
the other hand, lamellae break preferentially at
points of the smallest thickness; therefore, the aver-
age thickness and hence the melting temperature
will increase.13 Because of the local character of these
phenomena, their influence on the melting tempera-
ture and crystallinity is limited.

The strain-hardening behavior of a semicrystalline
polymer manifesting above the yield point can be
ascribed to the entropy–elastic response of the mo-
lecular network of entangled chains upon its defor-
mation.3,10,11 Model calculations have demonstrated
that the stress associated with the deformation and
orientation of the crystalline component remains
nearly constant over a wide range of strains or rises
slowly with increasing strain, depending on the
mode of deformation, whereas the stress associated
with the orientation of the molecular network of the
amorphous phase increases substantially at the same
time.12 This allows us to conclude that just the defor-
mation of the molecular network is the main source
of the stress-hardening behavior. The observations of

strain hardening, reported previously, support this
conclusion.

To characterize the strain-hardening behavior of
the network, the moduli of the initial strain harden-
ing were estimated from the stress–strain curves.
This was accomplished by the fitting of the experi-
mental curves to curves calculated with a simple
one-dimensional model involving a rubber–elastic
response of the molecular network within the amor-
phous component and based on the hypothesis of
Haward and Thackray.10 According to this hypothe-
sis, the strain hardening of the material, originating
from stretching of the molecular network of en-
tangled chains, can be represented in the model by
the nonlinear spring element, which is connected in
parallel to a viscoplastic dashpot representing the
rate- and temperature-dependent yield and visco-
plastic flow.

Because the response of the molecular network
was in focus here, several simplifying assumptions
were made in the model formulation: the material
was assumed to be incompressible, and its initial
elastic deformation was neglected as the respective
strain was small in comparison with the total strain.
Next, the viscoplastic response was reduced to a
purely plastic one, represented by the plastic flow
stress alone. The strongest simplification was that
any relaxation phenomena within the network were
not taken into account, whereas in the real system,
such processes can play quite important roles and
lead to the accommodation of a part of the imposed
strain, especially at elevated temperatures. Because
of these serious simplifications, only raw, semiquan-
titative estimations were expected.

Under these assumptions, the true stress generated
in the system can be simply represented as fol-
lows:11,14

s ¼ Yþ sR (2)

TABLE II
Temperature of the Melting Peak and Crystallinity Determined from DSC Heating Scans

at a Heating Rate of 108C/min

Sample

Annealed at 808C Deformed at 808C

Melting
temperature (8C)

Crystallinity
( wt %)

Applied
strain

Permanent
strain

Melting
temperature (8C)

Crystallinity
( wt %)

H-1 132.1 74.8 2.00 1.88 133.1 74.2
H-2 132.7 78.1 2.00 1.98 133.7 75.0
H-4 133.7 72.1 2.00 1.78 134.5 68.9
H-5 132.7 67.8 2.00 1.80 134.2 61.5
U-1 131.1 49.0 1.75 1.39 132.3 44.8
U-2 131.7 48.4 1.68 1.35 132.3 44.6
L-2 111.7 44.1 1.75 111.5 41.8 61.5
L-3 108.2 41.0 1.98 1.70 108.3 38.8
LL-1 113.3 40.4 2.00 1.65 117.1 37.6
LL-2 121.8 40.5 2.00 1.64 122.3 36.7
E-1 94.6 31.7 2.00 1.39 96.5 34.8
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where s is the true stress, Y is the plastic flow stress,
and sR is the rubberlike true stress generated by
entangled molecular networks. sR was modeled
with non-Gaussian chain statistics and the eight-
chain model developed by Arruda and Boyce.15 For
the plane-strain compression, the equation for the
stress in the LD takes the following form:

sR ¼ Gn

3

ffiffiffi
n

p 1

lchain
L1 lchainffiffiffi

n
p

� �
� l2 � 1

l2

� �
(3)

where Gn ¼ NekT is the initial strain-hardening mod-
ulus of the network (Ne is the effective crosslink den-
sity, k is the Boltzmann constant, and T is the tem-
perature); n is the number of rigid links between
effective crosslinks (entanglements and junctions at
amorphous–crystal interfaces provided by tie mole-
cules), setting the extensibility limit of a chain in the
network (lmax ¼ n1/2); and lchain is the stretch on
each chain in that network, given by the root mean
square of the applied strain: lchain ¼ [1/3(l2 þ 1
þ 1/l2)]1/2. L�1(x) denotes the inverse Langevin
function [L(x) ¼ coth x � 1/x, where x ¼ lchain/n1/

2]. For large values of n, there is no limiting extensi-
bility of the network, and eq. (3) can be reduced to
the well-known Gaussian equation (plane-strain de-
formation):

sR ¼ Gn l2 � 1

l2

� �
(4)

The experimental true-stress/true-strain curves
were fitted in the strain range of 0.1–2.5 with eqs. (2)
and (3). The fit parameters were Y, Gn, and n. The
fits employing Gaussian chain statistics [eq. (2) com-
bined with eq. (4)] were also performed. Figure 3
presents representative true-stress/l curves calcu-
lated for linear and branched polyethylene samples
(both Langevin and Gaussian fits are shown) and
the respective experimental curves. A general obser-
vation is that the experimental stress–strain curves
can be approximated successfully with Gaussian
curves [eq. (4)] in the range of the initial strain hard-
ening, up to relatively high l values of 3–4.5 (true
strain ¼ 1.0–1.5), before the onset of the final intense
strain hardening. At higher strains, the stress pre-
dicted by the Gaussian fit was, however significantly
lower than that observed experimentally. Thus, the
application of the non-Gaussian chain statistics [eq.
(3)] was necessary to get better agreement in the
high strain range, although even then the fit was not
satisfactory: the calculations usually predicted too
fast a rise of the stress in the final part of the curve.
On the other hand, for samples of relatively low mo-
lecular weights, such as linear polyethylenes H-1
and H-2 and branched L-5 (Mw ¼ 0.5–0.7 � 105), the
experimental curves could be fitted quite well even

with a simple Gaussian equation in nearly the full
range of the strain.

It appears that neither model is accurate enough
to capture precisely the entire strain range, probably
because of the simplified formulations. Nevertheless,
the agreement of the calculated curves with the ex-
perimental ones at l < 3–4 (Gaussian fits) or l < 7
(non-Gaussian fits) is very good, and this suggests
that the values of the hardening modulus of the net-
work determined in this strain range can be consid-
ered reasonable.

Table III summarizes the best fit values of Gn and
n. They are compared with the respective values
obtained at room temperature and taken from ref. 1.
Gn, estimated at 808C, varies in a manner similar to
that observed previously at room temperature,1

although the values of Gn obtained at 808C are
roughly only half of those determined at room tem-
perature. A general trend, observed at both tempera-
tures, is an increase in the network modulus with
increasing molecular weight. This dependence on

Figure 3 Representative fits obtained for samples of (a)
linear and (b) branched polyethylenes. The solid line is the
experimental true-stress/true-strain curve, the dashed line
is the curve fit with the Langevin equation [eq. (3)], and
the dotted line is the curve fit with the neo-Hookean equa-
tion [eq. (4)].
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the molecular weight is discussed in ref. 1. It has
been demonstrated that the density of entanglements
constituting the network in the amorphous compo-
nent, controlling the strain hardening, is larger than
that in the melt before sample crystallization because
the entanglements present in the melt are usually
not resolved during the growth of crystallites but are
only rejected into and concentrated in amorphous
layers between them. Actually, in polymers of rela-
tively low molecular weights, a certain fraction of
entanglements of chains attaching to the crystal can
be resolved by diffusion through a relatively short
reptation tube. The time set by crystallization ki-
netics can be sufficiently long to allow that. The
resulting molecular network in the amorphous com-
ponent demonstrates then a density of entangle-
ments not much higher than that in the melt.1 How-
ever, the time necessary for diffusion through the
reptation tube (tr) increases considerably with in-
creasing chain length M (tr ! M3) and soon
becomes longer than the accessible time, set by the
kinetics of crystallization, which is generally inde-
pendent of M. This, in turn, leads to an increase in
the number of entanglements to be redistributed into
amorphous layers of limited volume when the mo-
lecular weight increases. Consequently, the local
density of entanglements in the amorphous compo-
nent increases with increasing molecular weight. The
density of the molecular network in a sample of sol-
idified polyethylene of high molecular mass is con-
siderably higher than in a sample of low molecular
mass crystallized under similar conditions or in the
melt. This trend is clearly demonstrated by the series
of linear polyethylenes (H-1 to H-5 and U-2) of
increasing molecular weight and relatively little vari-

ation in crystallinity, exhibiting a noticeable increase
in the network modulus (proportional to Ne) with
increasing molecular weight.

Another parameter influencing the network density
is the architecture of the chain: the presence of long or
short branches (comonomer units) hinders crystalliza-
tion, leading to lowered crystallinity (i.e., lesser redis-
tribution of entanglements than in highly crystalline
linear polyethylenes), and chain disentanglement by
their reptation (fewer entanglements can be resolved
because of steric hindrance between the chains). As a
result, the network density and consequently the
strain-hardening behavior depend on the type and
number of branches distributed along the chain, in
addition to the molecular weight dependence.

The data for the strain-hardening modulus pre-
sented in Table III demonstrate the negative temper-
ature dependence. This finding is in conflict with the
concept of an entropy–elastic network response,
which predicts the strain-hardening modulus to be
proportional to the absolute temperature. A similar
decrease in the strain-hardening modulus with
increasing temperature was, however, also observed
in several amorphous16–19 and semicrystalline20,21

polymers. On the other hand, the hardening modu-
lus was proportional to the network density, regard-
less of the nature of the network, that is, the physical
entanglements or chemical crosslinks,19 and this
clearly points to the molecular network as a source
of strain hardening. It has been proposed that such a
negative temperature dependence of the strain hard-
ening originates from a change (decrease) in the
number of elastically active chains (i.e., Ne), which is
equivalent to a change in the number of segments
between entanglements (i.e., n), because the total
number of units is conserved.16 A possible reason
for such a decrease is the relaxation of the stressed
molecular network, which is more intense at a high
temperature of deformation because the chain entan-
glements constituting the network are mobile at the
deformation temperature, which is higher than the
glass-transition temperature. Moreover, it is well
known that even the mechanical response of chemi-
cally crosslinked rubbers can be strongly influenced
by the stress relaxation and that rubber elasticity
holds strictly only for the equilibrium modulus.20

Therefore, it seems justified to relate the strain-hard-
ening response decreasing with temperature to the
viscoelastic relaxation of the entangled network: the
relaxation phenomena might overrule the entropic
contribution of the molecular network and lead to
the negative temperature dependence of the strain-
hardening modulus. Because such a network relaxa-
tion process depends on the molecular weight,20 it
can be anticipated that the variation of the strain
hardening with the temperature should be influ-
enced by the molecular weight.

TABLE III
Comparison of Gn and n Values Estimated from

Deformation Experiments at Room
Temperature (228C) and 808C

Sample

228Ca 808Cb

Gn n Gn n

H-1 1.82 22 1.09 1
H-2 1.91 21 1.14 1
H-4 1.99 19 1.15 80
H-5 2.25 14 1.17 35
U-1 3.90 13 1.99 12
U-2 5.11 13 2.29 10
L-1 1.47 23 0.61 130
L-2 1.60 23 0.71 130
L-3 1.82 22 0.76 130
L-4 1.60 22 0.80 110
L-5 1.37 31 0.42 1
LL-1 1.99 23 1.17 28
LL-2 1.65 26 0.66 65
E-1 1.56 25 0.65 53

a See ref. 1.
b This work.
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The other possible reason for a decrease in the net-
work density with the temperature could be that the
deformation temperature of 808C is above the a-relax-
ation process of polyethylene, in which crystals are
known to yield readily, and the influence of crystalli-
tes acting as physical crosslinks (i.e., the contribution
of tie molecules to the network) can be considered
greatly reduced or even absent.21,22 This in turn
should bring down notably the effective number of
active crosslinks in the molecular network and conse-
quently reduce the strain-hardening modulus.

None of these phenomena were taken into account
in the model formulation. However, the evolution of
length parameter n with the molecular weight and
temperature (cf. Table III) strongly supports the hy-
pothesis of network relaxation. The network in low-
molecular-weight polyethylene (H-1, H-2, and L-5)
shows an extensibility limit at room temperature
(lmax ¼ n1/2 ¼ 4.5) and practically does not at 808C
(the stress–strain curves can be fitted with the Gaus-
sian model). In the case of H-1 the experimental
stress–strain curve at high strains even departs
slightly down from the curve predicted by the Gaus-
sian model. The only source of such behavior is the
strong relaxation of the network through the slip-
page of chains out of entanglements at elevated tem-
peratures. On the contrary, the high-molecular-
weight samples (U-1 and U-2), expected to exhibit
considerably weaker relaxation, demonstrate similar
limits of the extensibility of chains in the network at
both room temperature and 808C (n ¼ 10–13).

Additional information about the network proper-
ties can be obtained from the postdeformation
strain-recovery tests. Specimens 40 mm high were
deformed in a deep channel die [Fig. 1(a)] to the
selected strains within the range of true strains of 0–
2. Large specimens were used in this experiment for
better accuracy of the size measurements. After the
unloading, the dimensions of the unconstrained
specimen (out of the die) were monitored at room
temperature over a period of time. After 6 weeks,
when no further changes in the dimension were
detected, the specimens were heated and annealed
at increasing temperatures between room tempera-
ture and the melting temperature of a given poly-
mer. The specimen dimensions were then examined
after each annealing step. The respective strain com-
ponents were calculated from the measured changes
in the specimen dimensions. No studied sample
changed in its width, that is, in the dimension along
CD in the channel die, which practically always
remained equal to the initial specimen width. That
invariance confirms the plane-strain conditions of
deformation (strain component e3 ¼ 0). The height of
the specimens (along LD) increased during recovery
with the time and/or temperature, whereas their
length (along FD) decreased at the same moment.

The variation of strain component e2 along FD fol-
lowed approximately inversely that of strain compo-
nent e1 along LD. Therefore, in the following, we dis-
cuss only e1.

The applied strain (e ¼ e1) can be decomposed
into two components: the recovered part (er) and the
remaining part (ep; i.e., the permanent part in the
timescale of the experiment):

e ¼ er þ ep (5)

Knowing the strain left after recovery at a given
time/temperature, we can calculate the recovered
strain component from this equation. Figure 4 illus-
trates the evolution of the recovered strain compo-
nent with the time and temperature for selected poly-
mers, all deformed to the same true strain of 2. In all
plots of the recovered strain versus time [Fig. 4(a)],
the experimental points plotted at 0.01 h represent
the first measurement taken immediately after sample
unloading and its withdrawal from a channel die
while the sample was still hot. The sample reached
room temperature within a 20-min period before the
next measurement.

The recovered component of the strain consists of
an instantaneous elastic strain and a time-dependent
quasielastic part. This second time-dependent part
can be ascribed to the partial reversibility of the de-
formation of the rubbery, amorphous component
because the crystalline component, after the initial
elastic stage, deforms further plastically through
crystallographic slips and other supplementary me-
chanisms of a crystallographic nature.13,23 This plas-
tic process is irreversible. On the contrary, the defor-
mation of the amorphous phase through the shear of
thin, amorphous, rubberlike layers between lamellae
appears partially reversible.1–3

Figure 4 Evolution of the recovered component of the
strain with (a) the time and (b) the temperature for sam-
ples of the indicated polymers deformed in a deep channel
die to the true strain of 2.0 at 808C.
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An examination of the time dependence of the
strain recovery at room temperature [Fig. 4(a)] dem-
onstrates that most of the recovery occurred almost
immediately after unloading, when the specimen
was cooled from 808C to room temperature, and the
recovery was complete within the first hour after the
deformation experiment for all polymers studied.
This behavior is slightly different from that observed
in respective materials after compression at room
temperature.2 The strain recovery at room tempera-
ture extended frequently over 1 month after speci-
men unloading, especially in high-molecular-weight
samples. It seems that here the recovery process is
arrested by the decrease in the temperature of the
material from the deformation temperature of 808C
to room temperature. Apparently, the respective
relaxation times increase so much with decreasing
temperature that the strain remaining in the material
appears stable in the timescale of the experiment
(several weeks). As demonstrated by results ob-
tained at higher temperatures [Fig. 4(b)], the recov-
ery remained frozen up to approximately 50–608C,
that is, below the activation of the a-relaxation pro-
cess, and was reactivated at temperatures approach-
ing the temperature of deformation. At the deforma-
tion temperature and above it, the recovered strain
rose substantially.

Figure 5 shows the dependence of the recovered
strain component after a 6-week recovery period at
room temperature on the strain applied in the plane-
strain compression at 808C. The curves are very simi-
lar to those obtained previously for the same poly-
mers deformed at room temperature and reported in
ref. 2. Both sets exhibited a low and broad maximum
centered near the applied strain of 0.6–0.7 followed
by a plateau of lower recovery at strains above 1.0.
Furthermore, for most polymers studied, the amounts
of the recovered strain after deformation at 808C

match quite well those observed in the respective
polymers after deformation and recovery under the
ambient conditions. The only departure from this
scheme is the E-1 copolymer, which demonstrates
higher recovery after deformation at 808C than after
deformation at room temperature and, moreover,
does not show any maximum in the recovery curve
after deformation at 808C. Such behavior is probably
due to partial melting of the crystalline phase of that
copolymer occurring at the deformation temperature
of 808C. As revealed by DSC,1 the peak of melting of
E-1, with a maximum near 968C, has a broad, low-
temperature shoulder. Heating to the temperature of
deformation causes then a noticeable increase in the
amorphous fraction due to the melting of the smallest
crystallites and consequently higher reversibility of
deformation in comparison with deformation per-
formed at room temperature, at which the phase
composition is not altered.

The very similar recovery behavior at room tem-
perature of samples deformed either at room tem-
perature or at 808C demonstrates that the change in
the temperature does not have any effect on the de-
formation sequence. The maximum of the recovered
strain curve occurs in the same true strain range of
0.6–0.7, being independent of the temperature of de-
formation. In addition, the plateau of the low recov-
ered strain component develops at the same strain
near 1.0. That maximum was assigned to the exhaus-
tion and locking of interlamellar shear triggering
quickly the fragmentation of lamellae (point C of
Strobl et al.’s deformation scheme3), whereas the
final plateau was interpreted as a result of a weighty
erosion of the molecular network through disentan-
glements of chains of the amorphous component
due to an advancing deformation process.1–4 The
previously reported results indicate that both phe-
nomena are nearly independent of the temperature
and appear to be controlled primarily by the strain
applied to the material. This finding agrees with the
conclusions of Hobeika et al.,4 who demonstrated
the invariance of the deformation scheme and nearly
constant critical strains with respect to both the tem-
perature and the deformation rate in polyethylene
deformed in tension.

Figure 6 present an exemplary dependence of the
recovered strain component [Fig. 6(a)] and the stable
part, which remained after recovery at a high temper-
ature close to the melting point of the respective poly-
mer [Fig. 6(b)], on the strain applied. The tempera-
tures of annealing to induce recovery were set to
1258C for linear homopolymers (melting temperature
¼ 132–1348C), 100–1108C for branched samples L-1-L-
5, LL-1, and LL-2 (melting temperature ¼ 110–1208C),
and 908C for elastomer E-1 (melting temperature
¼ 968C). These temperatures were only a few de-
grees lower than the respective melting points of the

Figure 5 Recovered component of the strain of the indi-
cated samples deformed at 808C, determined after a
6-week recovery period at room temperature.
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crystalline phase. Therefore, the strain remaining af-
ter such annealing is probably very close to the per-
manent plastic strain, which would remain even after
melting of the crystalline component. Unfortunately,
annealing at temperatures closer to the melting point
resulted in partial melting of the specimens, leading
frequently to their distortion, which made the evalua-
tion of the strain components very difficult.

Comparing the high-temperature recovery curves
determined in this study (Fig. 6) with the respective
curves obtained for samples deformed at room tem-
perature,2 we can find again a very good agreement
of both sets of curves. The amount of recovered
strain of the samples deformed at two notably differ-
ent temperatures is very close for a given polymer
and the applied compressive strain, especially for
true strains below 0.6 and above 1.0. However, the
deflection point of the curve of the permanent strain
versus the applied strain [cf. Fig. 6(b)], which was
clearly seen around the true strain of 1.0 in samples
recovered after deformation at room temperature,
now, for a higher deformation temperature of 808C,
shifted toward a lower strain, approximately 0.8–0.9.
The transition evidenced by this characteristic

change of the recovery behavior was identified pre-
viously as an onset of intense chain disentangle-
ments1,2,3–8 and resultant modification of the proper-
ties of the network formed by entangled chains in an
amorphous component (point D of Strobl et al.’s3 de-
formation scheme). Above this point, the calculated
model stress–strain curves (for deformation at 808C
and at room temperature, as reported in ref. 1)
departed slowly from the experimental ones, and
this can be interpreted as another mark of an erosion
of the network. The temperature shift of this charac-
teristic strain can be understood easily: an increase
in the deformation temperature induces an increase
in the chain mobility; thus, the slippage of chains
out of entanglements becomes easier, and the disen-
tanglement process can set in earlier, at lower strain
and stress levels, than deformation at room tempera-
ture. A similar small decrease in the strain at which
chains become disentangled with increasing temper-
ature of the deformation was also found in a tensile
deformation mode by Hobeika et al.4

CONCLUSIONS

High-strain deformation in plane-strain compression
at 808C and the recovery behavior of a series of poly-
ethylenes were studied, with special attention given
to the positions of several characteristic critical strains
of the deformation scheme proposed recently by
Strobl et al.,3 especially those related to the deforma-
tion of the amorphous phase: the exhaustion and
locking of the interlamellar shear, triggering fragmen-
tation of lamellae (point C), and the onset of erosion
of the molecular network through chain disentangle-
ments (D). We tried to confirm the earlier postulated
invariance of that deformation scheme with respect to
the temperature of deformation.3–8 The position of
point C, found around a strain of 0.6, appeared, in
fact, to be practically invariant with respect to the de-
formation temperature. On the other hand, the critical
strain at which the molecular network starts to disin-
tegrate (point D) exhibits a weak negative tempera-
ture dependence. It shifts from a strain of 1.0 (defor-
mation at room temperature) to a strain of 0.8–0.9
(808C) because of increasing network relaxation. The
earlier start of the chain disentanglement at a higher
deformation temperature leads to a noticeable modifi-
cation of the strain hardening, resulting in a decrease
in the strain-hardening rate with increasing tempera-
ture. That modification depends on the molecular
weight of the polymer and the architecture of the
chain: the relaxation of the molecular network in low-
molecular-weight samples is more intense at high
temperatures than in polymers of high molecular
weights. Consequently, low-molecular-weight poly-
ethylenes show stronger reduction of the strain hard-

Figure 6 (a) Recovered and (b) remaining (permanent)
components of the strain after recovery at a temperature
near the melting point of the indicated samples (annealing
temperature: 1258C for the linear homopolymers, 1108C for
the L and LL samples, and 908C for the E-1 elastomer).
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ening than high-molecular-weight samples, and this
demonstrates strain hardening at high temperatures
nearly as intense as that at room temperature, only
postponed to slightly higher strains.
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